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Three high chromium white cast irons were examined in the as-cast state to determine the
effect of the carbon content on the fracture toughness. The plane strain fracture toughness
KIc and the fracture strength were measured for each alloy. X-ray mapping was used to
identify the phases on the fracture surfaces. Scanning electron fractography and optical
microscopy were used to determine the volume fraction of each phase on the fracture
surfaces. It was found that most fracture occurred in the eutectic carbides, but that for the
alloys with a reduced volume fraction of eutectic carbides, a small amount of crack
propagation occurred in the austenitic dendrites. This change in crack path correlated with
an increase in fracture toughness. The Ritchie-Knott-Rice model of brittle fracture was
applied. It was found to sensibly predict the critical length for fracture for each alloy. Deep
etching was employed to examine the distribution of eutectic carbides. It was found that
the eutectic carbides formed a continuous network in each case.
C© 2004 Kluwer Academic Publishers

1. Introduction
Traditionally, high chromium white cast irons have
been used in applications where high wear resistance
is required [1]. In modern mining applications, alloys
used in crushing and grinding operations need a combi-
nation of toughness and wear resistance [1, 2]. Current
white irons, while exhibiting excellent wear properties
have low fracture toughnesses and are only used in those
applications where a limited amount of impact occurs
[1]. If the toughness of these alloys could be improved,
then use of them in high impact applications will result
in better materials usage and a reduction in down time
due to their high abrasion resistance [3].

High chromium white irons are typically cast as hy-
poeutectic alloys having a primary phase of dendritic
austenite with the eutectic made up of austenite and
M7C3 carbides [4]. The eutectic carbides form a con-
tinuous three-dimensional network within the interden-
dritic spaces [5]. During cooling from the melt, the eu-
tectic austenite transforms to martensite [4, 5]. The final
as-cast alloy has three constituents: dendritic austen-
ite, eutectic austenite and/or martensite, and eutectic
carbides.

Fractographic studies and failure theories have gen-
erally ignored the presence of the eutectic iron [6, 7].
Durman [7] and Zum Gahr [6] both found that the eu-
tectic carbides dominated the fracture surfaces. They

also observed small amounts of fracture through a sec-
ond phase, but differed in their interpretations of this
feature. Durman claimed it exhibited features typical of
strain-induced martensite, while Zum Gahr classified it
as failure through the dendritic matrix [6, 7]. Work done
by Hann and Gates has shown that some cast irons do
exhibit a transformation toughening reaction, but not
generally in the as-cast condition where the martensite
start temperature (Ms) is far below room temperature
[4]. Neither Durman or Zum Gahr make any comment
regarding the eutectic iron which forms the matrix of
the eutectic microconstituents. This phase is likely to
be at least partially martensitic [4] and would therefore
provide a low energy crack path which should be visible
on the fracture surfaces.

Currently, the only reliable conclusion which can
be drawn from fractographic studies is that the tough-
ness of high chromium white irons in the as-cast state
is limited by the extreme brittleness of the eutectic
carbides.

The most promising avenue for improving toughness
is to force the crack to propagate through the dendritic
constituent more frequently. The most obvious way of
forcing the crack into the dendrites is to reduce the
continuity of the eutectic carbide network.

In this vein, much work has been done to find an
inoculating agent for the eutectic carbides with little
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success [3, 8–10]. High temperature heat treatments
have also been used to “spheroidize” the eutectic car-
bides. While such treatments do produce improvements
in toughness, they are too costly to be commercially vi-
able [9, 10].

Other researchers have reduced the volume fraction
of eutectic carbides in an effort to reduce the continuity
of the carbide network [7, 11]. Maratray [12] showed
that the carbon and chromium contents control the vol-
ume fraction of eutectic carbides according to the fol-
lowing equation:

%E.C. = 12.33(%C) + 0.55(%Cr) − 15.2 (1)

where, %E.C. is the volume percent of eutectic car-
bides, %C is the weight percent carbon, and %Cr is the
weight percent chromium.

The major aims of this research were:

(i) to produce unambiguous identification of the
phases present on the fracture surfaces and to resolve
contradictory interpretations in the literature;
(ii) to assess the effect of reduction in carbon content

on the volume fraction of eutectic carbides;
(iii) to assess the effect of reduction of carbon content
on the fracture toughness of high chromium white irons
in the as-cast state;
(iv) to determine whether increases in fracture tough-

ness can be related to crack path for the as-cast material;
and

(v) to apply the Ritchie-Knott-Rice model [13] (here-
after RKR) to define the process of crack propagation
for a 1.9%C iron.

2. Experimental
2.1. Alloys
Three alloys of different carbon contents were exam-
ined (see Table I). Alloy A was designed according to
the Australian standard for a 20-2-1 Cr-Mo white iron
[14]. The other alloys are “reduced carbon” white irons,
and were designed with the intention of determining the
effect of reducing carbon content on toughness. Casts
B, C and D have the same nominal composition and
can be considered the same alloy.

Other deliberate variations were in the molybde-
num, nickel and silicon levels. Each of these ele-
ments must be controlled to achieve the required hard-
enability [12, 14, 15]. In the case of the current
study, each alloy was designed to achieve a through-
thickness hardenability in an industrial sized casting,

T ABL E I Alloys examined in this study. Deliberate variations in com-
position are in bold

Alloy Cr C Mo Ni Si Mn Cu V S P

A 18.7 2.82 2.59 1.1 0.7 1.04 1.00 0.42 0.008 0.023
B 18.2 1.86 1.93 1.54 1.2 1.13 0.94 0.53 0.007 0.023
C 18.85 1.89 1.83 1.59 1.22 1.03 0.99 0.40 N.A N.A
D 17.4 1.86 1.76 1.77 1.25 0.96 1.0 0.34 0.018 0.017
E 18.9 1.52 1.75 1.60 1.16 0.98 0.94 0.48 0.011 0.017
F 14.6 1.43 0.7 0.1 0.57 0.85 0.02 0.25 0.005 0.027

even though the experiments used only laboratory sized
castings.

Hardenability in high chromium white cast iron is
known to be reduced by increasing the carbon and sil-
icon contents [12, 15]. Increasing molybdenum and
nickel off sets these effects [14, 17]. Thus alloy A with
the highest carbon content required an increased molyb-
denum level. This alloy was designed to conform to the
relevant standard, and therefore had to contain silicon
and nickel weight percentages of not more than 1% in
each case [14].

The reduced-carbon alloys, B and E were designed
with higher than typical silicon contents because results
in the literature indicated that an increased silicon con-
tent improved the fracture toughness of high chromium
white iron [16].

It has also been found that increased silicon promotes
the formation of pearlite [17]. Norman [15] showed
that increased nickel counteracted this effect of silicon.
Alloys B and E were designed accordingly and have
higher nickel contents than that recommended by the
standard specifications.

After casting, each of the alloys were given a
triple heat treatment at 200◦C for two hours. It has
been thought that this treatment tempers the eutectic
iron [18].

2.2. Mechanical testing
The plane strain fracture toughness, KIc, of all alloys
was measured in accordance with ASTM E-399 [19].
Four tests were done for each alloy in the as-cast +3 ×
200 state.

A blunt-notch, three point bend test was used as a
measure of the fracture strength. Specimens used in
this test were of dimensions 10 × 10 × 55 mm with an
average notch depth of 2.5 mm and an average notch
root radius of 0.85 mm. The notch root radii varied by
±0.2 mm and the notch depth varied by ±0.1 mm. The
support span used was 40 mm, with a cross-head speed
of 2 mm/min. At least five tests were performed for
each alloy.

Tensile tests were performed using a screw-driven In-
stron, with a cross-head speed of 0.5 mm/min. For alloy
B, double-shoulder cylindrical specimens were used,
similar to Houndsfield “E”, but with a larger gauge sec-
tion of 50 mm2. From these tests 0.1% proof stresses
were calculated. No tensile bars of alloy E (1.5%C)
were available, so an estimate of the yield strength of
this material was made by averaging the results for al-
loy B (1.8%C) and alloy F (1.43%C).Tensile testing
of alloy F was performed using small Houndsfield “A”
specimens (see Fig. 1). Yield strength information for
standard 20-2-1 irons such as alloy A is available in the
literature [20], so no tensile testing of this alloy was
performed.

2.3. Metallography and fractography
The volume fraction of eutectic carbides was deter-
mined using manual point counting techniques. Three
mutually perpendicular views were examined for each
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Figure 1 Geometry of tensile samples used to determine the tensile properties of alloy B. Alloy F tensile bars had the same geometry, but dimensions
of d3 = 7.6 mm, d2 = 4.9 mm, d1 = 3.6 mm, l = 12.6 mm, L1 = 14.6 mm, L2 = 21.7 mm, L3 = 28.4 mm. All rounding radii were 1 mm.

casting, with fifty fields measured for each view
[21, 22].

Double-sided crack path samples were prepared and
examined using optical microscopy. These specimens
were cross-sections through intact KIc bars. The cross
sections were taken from the plane strain region of the
bar and were cut using a water-cooled abrasive wheel.
The samples were then polished and mounted using
standard metallographic techniques. A Quanti-Met 670
was used to measure the linear proportion of cracking
through the dendrites.

For scanning electron fractography, fracture surfaces
were cut using a water-cooled abrasive cut-off wheel.
The fracture surfaces were then cleaned in acetone,
dried and mounted. Secondary electron images were
recorded from regions where plane strain conditions
existed during testing.

To identify the different phases on the fracture sur-
faces energy dispersive spectrographic (EDS) X-ray
maps were made of an alloy B fracture surface. Maps
of Cr Kα and Fe Kα lines were recorded. The magni-
fication used for this was ×500 with an accelerating
voltage of 10 kV.

The areal fraction of cracking through the eutectic
matrix was determined by point-counting. Thirty dif-
ferent views were used. A circular grid was applied to
each view in the point counting process to counteract
any preferred orientation of the fracture surface [22].
Following ASTM E562-89 [23], spacing of the grid
points was such that two successive points could not lie
in the same area of interest.

Figure 2 Light reflected micrograph of alloy A in the ascast and tempered state. Note the eutectic carbide structure.

The thickness of the eutectic phases was measured
using manual quantitative metallography. For each ma-
terial, twenty fields were taken on three mutually per-
pendicular sections.

Deep-Etching was performed by suspending pol-
ished samples in a solution of: 154 mL ethanol, 6 mL
HCL, 20 mL HNO3, and FeCl3 (added to saturation).

The solution was stirred and the samples were etched
for 40 min [26].

3. Results and discussion
3.1. Microstructure
The structures of A, B and E are shown in Figs 2, 3 and
4, below. It can be seen that for the reduced-carbon al-
loys B and E, the dendritic structure is more pronounced
and the eutectic carbide rods and blades appear to be
finer than in the full carbon alloy A. Close examina-
tion of Figs 2–4 shows shadowing around the eutectic
carbides. This is probably indicative of the presence of
eutectic martensite, consistent with Hann’s transmis-
sion electron results [4].

Quantitative metallography used to determine the
volume fraction of eutectic carbides, showed a rea-
sonable agreement with Maratray’s formula (Equa-
tion 1, Table II). Other researchers have suggested
that Maratray’s formula may not always be reliable
[1].

Deep etching of the samples was performed to see if
reduction of the carbon content altered the continuity
of the eutectic carbides. As can be seen from Figs 5, 6
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Figure 3 Light reflected micrograph of alloy B in the ascast and tempered state. Note that the dendritic structure is more obvious here.

Figure 4 Light reflected micrograph of alloy F in the ascast and tempered state. Note the fine structure.

and 7, even for the lowest carbon content the eutectic
carbides still formed a continuous network.

These observations are consistant with Powell [5]
and others [25] who have shown that reduction of the
carbon content of high chromium white irons does not
alter the continuity of the eutectic carbide network.

3.2. Mechanical properties
The KIc results in Table III show that there is a sig-
nificant improvement in fracture toughness when the
carbon content is reduced. In an earlier paper by the
authors [11], it is shown that these results fit well within
the scatter band of the published data, confirming the
idea that reduction of carbon content improves the as-
cast toughness.

Table III also lists the values of the blunt notch frac-
ture strength, σ blunt

F . Calculation of this quantity used

T ABL E I I Maratray’s formula (Equation 1) predicts the volume
fraction of eutectic carbides quite accurately, for the carbon contents
examined

Vol% eutectic Vol% eutectic
carbides carbides

Alloy C (wt%) Cr (wt%) (measured) (Equation 1)

A 2.82 18.7 27 ± 4 29.9
B 1.86 18.2 21 ± 6 17.7
F 1.52 18.9 14 ± 4 12.8

the slip-line field theory [26]:

σ blunt
F = σmax = 2k

(
1 + ln

(
1 + x

r

))
(2)

where σmax = the maximum stress below the notch at
fracture, k = the uniaxial shear strength = σy/2 for
a Tresca solid, x = the size of the plastic zone, and
r = root radius of the notch.

The shear strength for each material was determined
using the proof stress results from the tension tests and
assuming that the materials behaved as Tresca solids
[27]. The size of the plastic zone was calculated with
the peak loads measured in the blunt-notch test and
the finite-element analysis published by Griffiths and
Owen (1971) [26]. The root radius for each sample was
measured using a profilometer.

The slip-line field theory assumes that the maxi-
mum stress ahead of a crack tip is at the elastic-plastic

TABLE I I I As-cast mechanical property results

Vol%
eutectic

wt% carbides Klc σy σ blunt
F σ blunt

F /σy

Alloy carbon (measured) (MPa
√

m) (MPa) (MPa) (MPa)

A 2.82 27 25.6 ± 1.4 1010 1053 ± 11 1.0 ± 0.01
B 1.86 21 28.5 ± 0.9 595 735 ± 21 1.2 ± 0.04
E 1.52 14 32.1 ± 2.1 572 738 ± 17 1.3 ± 0.03
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Figure 5 Alloy A, 2.82%C, 27 vol% eutectic carbides Deep Etching reveals the continuous nature of the eutectic carbide network.

Figure 6 Alloy B, 1.86%C, 21 vol% eutectic carbides Deep Etched reduced carbon alloy, showing that the eutectic carbides are still continuous.

Figure 7 Alloy E, 1.5%C, 14 vol% eutectic carbides. Deep Etching demonstrates that the alloy with the lowest carbon content still has a continuous
eutectic carbide network.

interface [28]. Researchers using finite-element anal-
ysis have found that this is not always the case [26].
However, as no correct elastic-plastic stress distribution
for the geometry used is currently available, slip-line
field theory provides the best estimate of the fracture
strength.

Consideration of Equation 2 shows that σ blunt
F is de-

pendant on both the yield strength of the material and
the size of the plastic zone at fracture. This means
that high σ blunt

F values can occur for two different

reasons:

(a) the yield strength is high (i.e., the material is
strong)

(b) a large amount of plastic deformation occurs be-
fore fracture (i.e., the material is tough).

For example, A exhibits the highest σ blunt
F value be-

cause it has a high yield strength. Alloys E and B have
the same values of σ blunt

F , but for alloy E, the σ blunt
F value
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T ABL E IV Measurement of the amount of crack propagation through the dendrites

% crack path through
Alloy Vol% eutectic carbides %carbon Klc (MPa

√
m) σy (MPa) σ blunt

F (MPa) σ blunt
F /σy (MPa) the dendrites

A 27 2.82 25.6 1010 1053 1.04 0.13 ± 0.18
B 21 1.86 28.5 595 735 1.24 4.8 ± 0.8
E 14 1.52 32.1 572 738 1.29 3.6 ± 1.9

is produced by the greater amount of plastic deforma-
tion compared to B, whereas alloy B has the higher
yield strength. Thus, the relative toughnesses of the al-
loys cannot be assessed on the basis of σ blunt

F alone.
However, consideration of the stress field ahead of a
crack shows that the ratio of σ blunt

F to σy provides a
measure of relative ductility.

To demonstrate this, consider that at the tip of a
crack, applied tensile stresses are intensified. Brit-
tle fracture occurs when a critical stress, the fracture
stress σF, is achieved locally in the region near the
crack tip. However, if the local flow stress σo is less
than σF, plastic deformation will occur first creat-
ing a plastic zone around the crack tip. The fracture
stress σF can then only be exceeded if work hardening
occurs.

Thus, the amount of plastic deformation which oc-
curs prior to fracture depends on the relative values of
σo and σF. When the ratio of σF/σo is close to 1, little
plastic deformation and work-hardening must occur for
the fracture stress to be exceeded, resulting in a lim-
ited amount of energy absorption before catastrophic
fracture. In this case the ductility is also expected to
be limited. As the ratio σF /σo increases, more work-
hardening and plastic deformation must occur before
catastrophic fracture, resulting in more energy being
absorbed during fracture and a greater ductility. In the
extreme case where σF /σo is very high, the material in
the plastic zone cannot reach σF by work-hardening
and the failure becomes ductile, being achieved by
the attainment of a critical strain rather than a critical
stress [29].

The flow stress σo and the fracture stress σF are local
stresses which cannot be measured directly, but can be
estimated by macroscopic properties. Throughout this
study, the flow stress was estimated by the uniaxial yield
strength, σy and the fracture stress is estimated by σ blunt

F .
Thus the ratio of σ blunt

F to σy can be used as a measure
of the ductility of different alloys. This ratio is also of
importance when developing a model for the fracture
of white irons.

Since measurement of σ blunt
F was made using spec-

imens which were not pre-cracked, the ratio σ blunt
F /σy

must reflect the amount of plastic deformation associ-
ated with both crack initiation and crack propagation.
In contrast Klc, being measured from specimens with
sharp pre-cracks, gives an indication of the energy as-
sociated with crack propagation only. Comparison of
the percentage change in Klc and σ blunt

F /σy with reduc-
ing carbon content shows that both quantities improve
by approximately the same percentage. Thus, most of
the improvement in toughness is due to increases in the
amount of energy associated with crack propagation
rather than crack initiation.

3.3. Crack path analysis
Image analysis of double-sided crack path specimens
was used to measure the proportions of cracking
through the different phases. Initially, the crack path
was classified into dendritic and eutectic cracking, as
the precise path of fracture within the eutectic “packets”
was difficult to discern.

The results in Table IV indicate that as the carbide
volume fraction is reduced, both the fracture tough-
ness and the ratio σ blunt

F /σy increase by approximately
25%. This increase in fracture toughness is accompa-
nied by an alteration of the crack path with the two
reduced carbon alloys (B and E) exhibiting more crack
propagation through the austenitic dendrites. The large
scatter associated with the crack path measurement of E
means that there can be no differentiation between the
two reduced-carbon alloys in terms of the percentage
of crack propagation through the dendrites.

Since cracking through the austenitic dendrites
would require more energy than fracture of the eutec-
tic packets (carbide and martensite) it can be concluded
that the increased amount of crack propagation through
the dendrites is responsible for the improved fracture
toughness of the reduced carbon alloys.

Durman [7] examined a range of alloys with varying
carbon contents and found that a reduction in the vol-
ume fraction of eutectic carbides increased the amount
of crack propagation through the dendrites. He at-
tributed this change in the crack path to a discontinu-
ous network of eutectic carbides at low carbon contents
and the ability of the austenitic dendrites to transform
to martensite.

Deep etching of the alloys A, B and E showed that
the eutectic carbides are continuous even at low carbon
contents (Figs 5–7). Results from Hann and Gates [4]
indicate that alloys B and E should have an Ms well
below room temperature, implying that strain induced
martensite could not be produced. This implies that in
the reduced carbon alloys, the crack is forced into the
austenitic dendrites.

Zum Gahr [6] claimed to have observed cracking
though the austenitic dendrites, however he ignored the
presence of the eutectic martensite. He also only ex-
amined full carbon alloys. The results from Table IV
indicate that cracking through the austenitic dendrites
is very rare in full carbon alloys.

3.4. Identification of the different phases
on the fracture surfaces

Fig. 8 is a secondary electron image, showing a typi-
cal region of the fracture surface of alloy B. Fracture
through two different phases is evident. Area A, which
is shown at higher magnification in Fig. 9, is classical
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Figure 8 Fracture surface which was X-ray mapped (Secondary Elec-
tron Image).

cleavage fracture that would conventionally be inter-
preted as fracture through the brittle eutectic carbides.
Area B, shown in Fig. 10, can be denoted as quasi-
cleavage. It is this phase which Zum Gahr described
as failure of the dendrites, and which Durman assumed
represented fracture of strain-induced martensite (SIM)
in the dendrites [6, 7]. Results from Hann and Gates [4]

Figure 9 Secondary Electron image of Area A, showing classical cleavage fracture.

Figure 10 Secondary Electron image of Area B showing quasi-cleavage fracture.

indicate that alloy B should have a martensitic start tem-
perature below—196◦C and therefore, no SIM could
form at room temperature.

Figs 11 and 12 show Cr Kα and Fe Kα X-ray maps
of Fig. 8. Region A is illuminated strongly in the
chromium map, confirming that this is fracture through
the Cr-rich eutectic carbides. Region B is more obvi-
ous in the iron map, indicating it could be either the
dendrites or the eutectic matrix phase. The observed
quasi-cleavage fracture mode is more characterisitc of
eutectic martensite than dendritic austenite, although
it is difficult to predict the fracture mode of a face-
centred cubic material within a more brittle structure
loaded under highly constrained conditions.

Further evidence that the quasi-cleavage failure in
region B represents eutectic martensite rather than den-
dritic austenite lies in the fact that this type of failure
was observed more frequently in the full carbon alloy A
than in the reduced carbon alloys (Table V).

By comparison, the double-sided crack path studies
showed that cracking through dendrites is rare even in
the lower carbon alloys (Table IV). Clearly then the
quasi-cleavage areas cannot represent cracking though
dendrites. Region B must be cracking through the eutec-
tic matrix, and region A cracking through the eutectic
carbides.

Failure through the austenitic dendrites was identi-
fied from a double-sided crack path specimen. The sam-
ple was photographed while still intact (Fig. 13). After
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Figure 11 Cr Kα map, showing that the chromium content is concen-
trated in the cleavage areas of the fracture surface.

Figure 12 Fe Kα map, showing that iron is more concentrated in the
quasi-cleavage fracture areas.

dissolving the mounting compound and breaking open
the crack, the sample was re-photographed (Fig. 14).
Comparison between Figs 13 and 14 shows that catas-
trophic fracture occurred in the dendrites at regions A
and B.

The areas on the fracture surface corresponding to
these regions can be seen in Fig. 15. Examination of
this fractograph shows the regions A and B, as frac-

T ABL E V Measurement of the amount of quasi-cleavage fracture for
the different alloys

Alloy Vol% eutectic carbides Areal% quasi-cleavage failure

A 27.1 18 ± 6
B 20.9 11 ± 6

ture through the austenitic dendrites, are remarkably
smooth. The smoothness of the surface might be inter-
preted as implying cleavage fracture, but austenite, be-
ing an F.C.C material theoretically should never fail by
cleavage. In any case, riverlines typical of such brittle
fracture were not observed. It is theoretically possible
for flat regions of a fracture surface to be produced
by processes of dislocation glide rather than by brittle
crack propagation if the observed plane is a shear plane.
In Fig. 13 it can be observed that the plane of fracture
through the dendrites is at an angle to that through the
more brittle phases, supporting the idea that the austen-
ite failed by shear.

In conclusion, it can be stated that:

(i) the eutectic carbides dominated the fracture sur-
faces and failed by cleavage;

(ii) the quasi-brittle fracture areas represent crack
propagation through the eutectic martensite;

(iii) shear failure through the dendritic austenite ap-
pears to have occured in the reduced carbon alloys B
and E.

The implication is that even though the eutectic car-
bide network is continuous for each alloy, reduction
of the volume fraction of eutectic carbides increases
the amount of crack propagation through the dendrites,
thereby increasing the toughness.

3.5. Model of fracture
Given the extreme brittleness of the eutectic carbides,
it seems extraordinary that there would be some crack
propagation through the much tougher austenitic den-
drites. To detail how this might occur, the concept of
the characteristic distance was used.

When considering crack propagation in brittle mate-
rials, it is the distance over which the critical stress
operates that is of significance. If this were not the
case, then brittle materials would fail at extremely low
loads, particularly in the presence of a sharp crack [13].
Thus there is a “characteristic distance” over which a
critical stress must operate before crack extension oc-
curs. In other words, it is the local microscopic stress
and the microstructure directly ahead of an advancing
crack which influences fracture. The characteristic dis-
tance can be calculated using the RKR fracture model.
The RKR model is derived from the stress distribu-
tion ahead of a sharp crack, as determined by Rice and
Johnson [33]. The stress distribution is expressed as a
fraction of the yield strength and is given as a func-
tion of the “dimensionless distance” ahead of the crack
tip:

Distance from crack tip (as a function of σx/σo)

= X

(K/σo)2
(3)

where X = characteristic distance, K = stress inten-
sity factor, σo = the flow stress (approximated by the
yield strength) and σx = the local stress at the crack tip
(approximated by σ F

blunt).
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Figure 13 The crack path of a Klc sample. The test was interrupted to preserve the crack path.

Figure 14 After photography, the crack path of Fig. 13 was broken open and re-examined under a reflected light microscope.

At fracture, the local stress at the crack tip can be
derived from the blunt notch fracture strength and the
analysis by Griffiths and Owen [26]. The stress intensity
factor equals the fracture toughness at fracture. The flow
stress can be approximated by the yield stress. Given
these material properties, the characteristic distance X ,
can then be calculated.

Figure 15 After photography, the crack path of Fig. 14 was removed
from the mounting compound and examined in the S.E.M. (Secondary
Electron Image).

3.6. Comparison of characteristic distance
with microstructural properties

Table VI shows the calculated characteristic distances,
X , for each alloy. For the traditional full carbon al-
loy A, the ratio of the fracture strength to the yield
strength was so low that the characteristic distance must
be smaller that the lowest value given by the Rice and
Johnson stress distributions. Also shown in Table VI
are measured values of the thickness of the eutectic
phases.

Comparison between the microstructural features
and the characteristic distances shows that the charac-
teristic distance scales inversely with the thickness of
the eutectic phases. This is in contrast to other results for
steels [13] where the characteristic distance was found
to be directly proportional to a microstructural feature.

Furthermore, given that the eutectic phases form a
network which is continuous in three dimensions and
that the deep etching experiments showed that reduction
of the carbon content does not reduce this continuity,
the existence of a relationship between the thickness
of the eutectic phases and the characteristic distance is
questionable.

In contrast, Zhou et al. [31] interpreted the charac-
teristic distance as the radius which defined a volume
within which it was likely that a flaw can be found.
With this understanding of the characteristic distance,
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T ABL E VI Yield strength values for IIE-2 were taken from the literature [22]. Yield strength of E was taken to be equal to an average of the yield
strengths of alloys with carbon contents on either side of its own

Thickness % crack
of eutectic propagation

KIc phases through the
Alloy %carbon (σy/σf) (MPa

√
m) X (µm) (E.P.T) (µm) E.P.T/X dendrites

A 2.82 1.0 25.6 <0.4 12 30 0.13 ± 0.18
B 1.86 1.2 28.5 1.1 ± 0.2 8 7.3 4.8 ± 0.8
E 1.52 1.3 32.1 1.9 ± 0.3 6.5 3.4 3.6 ± 1.9

Figure 16 When the crack and the eutectic phases are aligned, fracture
can be achieved completely within the eutectic phase network. XO is the
characteristic distance.

Figure 17 When the eutectic phases and the crack are misaligned, it is
possible that the characteristic distance will extend into the dendritic
austenite. XO is the characteristic distance.

and assuming that cracks will initiate in the eutectic
carbides, it can be seen that further crack propagation
must rely on two variables:

(a) the amount of misalignment between the charac-
teristic distance and the eutectic network;

(b) the relative sizes of the characteristic distance
and the eutectic carbide network.

Figure 18 Crack propagation as a continuous process.

The amount of misalignment between the characteris-
tic distance and the eutectic carbide network relates to
the convolution of the eutectic phases. Given that the
carbon content affects the amount of eutectic in any one
casting, it could be assumed that as the carbon content
is reduced, the convolution of the eutectic network in-
creases. Researchers have given qualitative views that
this is indeed the case [7, 11]. A more convoluted eutec-
tic structure will increase the amount of misalignment
between the crack and the carbides, thereby increasing
the chance that the characteristic distance extends into
the austenite (see Figs 16 and 17).

The results in Table VI show that as the carbon con-
tent is reduced from 2.8 to 1.5%, there is a ten-fold
decrease in the ratio of the thickness of the eutectic
phases to the characteristic distance. As these two pa-
rameters approach each other in value, the chance that
the characteristic distance will extend into the den-
drites once the crack and the eutectic phases are mis-
aligned increases. Supporting this idea is the observa-
tion that as the E.P.T/XO ratio decreases, the observed
amount of crack propagation through the dendrites
increases.

Thus, crack propagation into the austenitic dendrites
appears to be affected by the convolution of the eutectic
carbide network and the size of the eutectic “packets”
relative to the characteristic distance.

Finally, thought must be given as to the type of crack
propagation. Fracture can either be continuous, with
cracks initiating in the eutectic carbides and then propa-
gating through the dendrites (see Fig. 18) or the process
can be discontinuous with microcracks forming ahead
of the main crack front (Fig. 19).

Microstructural examination of interrupted Klc tests,
show that the eutectic carbides do crack ahead of the
main crack front (see Fig. 20). These cracks could
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Figure 19 Crack propagation as a discontinuous process.

Figure 20 Cracking through the eutectic carbides. The arrow indicates the crack tip.

be produced from elastic shock waves propagating
through the material and do not necessarily indicate
a discontinuous fracture process. However, there were
a number of cases where cracks halted at dendrites
before finally fracturing through the dendritic con-
stituent. Examples of this type of crack path is shown in
Fig. 13.

4. Conclusions
It was shown that reducing the carbon content of a high
chromium white cast iron does increase the as-cast
fracture toughness, even though the eutectic carbide
network is still continuous for all the carbon levels ex-
amined. Scanning electron microscopy and X-ray map-
ping was used to identify the phases on the fracture
surfaces. Increases in fracture toughness were found to
correlate with an increase in the amount of fracture oc-
curing through the austenitic dendrites. The concept of
the characteristic distance for brittle fracture implied
that crack propagation through the dendrites occurred
due to convolution of the eutectic network, when the
characteristic distance was small relative to the thick-
ness of the eutectic phases.
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